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Abstract

Indentation is a remarkably flexible mechanical test due to its relative experimental simplicity. Coupled with advances in instrument
development, ease of implementation has made indentation a ubiquitous research tool for a number of different systems across size scales
(nano to macro) and scientific/engineering disciplines. However, the exploration of different materials systems and the potential usage of
indentation as a precise and quantitative method beyond the research laboratory have prompted intense modeling and interpretation
efforts for robust analysis of experimental results. In this review, we describe progress in a number of different aspects of this method,
including continuum-based modeling of homogeneous and heterogeneous systems, microstructural size effects and atomic modeling of
nanoindentation experiments, in situ transmission electron microscopy observations of nanoscale contact, and novel and emerging uses
for indentation. A recurring theme is the consideration of what is meant by ‘‘hardness’’ in different physical scenarios.
� 2006 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

For over a century, indentation has been employed to
probe the mechanical behavior of materials for a wide
range of engineering applications. The main reason for its
ubiquitous use is its intrinsic experimental simplicity;
indentation requires minimal specimen preparation and/
or mounting, can be performed several times on a single
specimen, and can probe different volumes of materials
via appropriate choice of load and tip geometry. In addi-
tion, aggressive instrument development has made possible
the application of forces from kilo-newtons down to pico-
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newtons, and local displacements down to nanometers; vir-
tually any solid can be indented, including bulk materials,
biological entities and nanostructures. However, the strain
fields under an indenter are complex and even for bulk iso-
tropic materials, analysis of data is non-trivial. For more
complicated materials systems (e.g. thin films, small vol-
umes, porous structures, biomaterials), indentation
response is tied to specific aspects of material behavior
yet effective interpretation requires expertise in both inden-
tation mechanics and the physics of the system being
indented.

This challenge, along with the ever-increasing availabil-
ity of commercial indenter systems, has driven a major
increase in indentation as a research tool. However, in con-
trast to other established mechanical tests, e.g. uniaxial
rights reserved.
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Fig. 1. Schematic of tips used in instrumented indentation. (a) A sharp
pyramidal tip is often modeled as a cone with a = 70.3�. (b) A spherical tip
is defined by its radius R, and a characteristic strain may be defined as a/R.
Stress fields under elastic loading are well defined in closed form. (c) SEM
image of a diamond Berkovich indenter with blunt tip radius R � 50 nm
[102].
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tension, the goal of indentation experiments is not always
to extract a ‘‘value’’, or rather, should not be. As has been
noted in the literature, and will be shown in this review, the
concepts of hardness and modulus, as extracted via inden-
tation, are manufactured parameters that are strongly
dependent upon tip geometry, elastic and inelastic material
behavior, and specimen boundary conditions. That this is
beginning to be recognized in scientific circles is partially
illustrated by the increasing use of the term ‘‘indentation
modulus’’ when reporting results, and careful scrutiny in
comparison of indentation-extracted properties to those
under different loading conditions. Indeed, as more com-
plex material systems are probed via indentation, robust
scientific conclusions can only be strengthened by main-
taining this perspective.

This review addresses the implementation and interpre-
tation of indentation in a number of different scenarios of
current and emerging importance. We begin with state-
of-the-art analyses of indentation results (load–depth, or
P–h curves) from a purely continuum perspective, for bulk
materials. As indentation is heavily used in multilayered or
heterogeneous material systems, a review of (continuum-
based) analyses of such systems follows. Appropriately,
we then address observations and interpretation of the
indentation size effect, in bulk metallic materials and other
systems, to bridge the gap between continuum approaches
and consideration of discrete dislocation events under
ultra-low loads, via direct observation and atomic model-
ing. Finally, we describe a number of non-traditional uses
of indentation in other fields, to shed light on mechanical
behavior, nanostructure or even physiology of different
materials.

2. Extracting mechanical properties of bulk materials with

instrumented indentation

2.1. Indenter tips, hardness of metals, and instrumented

indentation

Fig. 1 shows three types of indenter tips commonly
used in experiments and/or analyses. Sharp (Fig. 1(a))
and spherical (Fig. 1(b)) indenters are, to a first order, sui-
ted for different types of experiments. For example, the
self-similarity of a sharp tip makes it more favorable for
analysis of ductile materials, simplifying the extraction
of elastic–plastic properties. Conversely, the spherical tip
has been more widely used for brittle materials, or more
complex systems in which a small-strain elastic deforma-
tion is preferable for simpler analysis, but yet has been
used in extracting elastic–plastic properties as well. On
the micro- or nanoscale, the finite (albeit small) tip radius
on a real sharp tip cannot be neglected (Fig. 1(c)) and thus
knowledge of tip characteristics either via direct measure-
ment or indirect calibration of an area function is critical
for accurate analysis. As this review contains descriptions
across materials and size scales, tip characteristics will be
explicitly stated for clarity. In the following section, we
focus primarily on sharp indentation of ductile metals.
(For a discussion of spherical indentation the reader is
referred to Refs. [1–6].)

The ‘‘hardness’’ of a metal has, for a long time, been a
convenient descriptor of its resistance to plastic deforma-
tion. Hardness measurements are simple: a load P is
applied to a flat surface with a rigid pyramidal tip, and
the resulting imprint area A measured. Early researchers
proposed that the hardness H = P/A has the following
relationship [7]

H ¼ 3r0:08; ð1Þ
where r0.08 is the compressive flow stress of the tested me-
tal, at a representative strain of approximately 8%. Eq. (1)
has been widely used in the materials community for more
than half a century, and its accuracy and applicable range
have been carefully studied and re-examined in the past 10
years or so [8,9]. It is inspiring and slightly humbling to
mention that these and other contact mechanics analyses
prior to the 1970s were performed without the aid of
computers.

One factor that has limited the applicability of hardness
tests on smaller scales is the need to accurately measure
imprint dimensions (contact area) after unloading. How-
ever, recent technological advances in instrumentation,
and especially computational power, have led to significant
expansion in indentation interpretation. Depth-sensing
indentation can now be used to accurately extract not only
hardness, but the entire compressive stress–strain curve of
bulk metals [9–16], including elastic modulus, plastic
stress–strain behavior and creep directly from the load (P)
vs. penetration depth (h) curve, without the need for mea-
suring residual contact impression [8,14–16]. In addition,
various methodologies have also been developed to extract
elastically graded properties from spherical indentation
[17–23], evaluate residual stresses from sharp indentation
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[24–28], extract elastic–plastic stress–strain behavior from
spherical indentation [2–6], compute electrical–mechanical
coupled properties from indentation of piezoelectric solids
[29–33], measure power law creep parameters [34–36], and
evaluate viscoelastic properties [9,36].

Fig. 2 shows the typical indentation response (P–h curve)
of a homogeneous elastic–plastic material by a sharp inden-
ter tip (Fig. 1(a)), with salient features described here. The
loading curve is considered to follow Kick’s law, P = Ch2,
where C depends on elastic and plastic material properties,
as well as indenter geometry. At maximum depth, hm, or
maximum load, Pm, the average contact pressure, pave =
Pm/Am (Am is the true projected contact area measured at
hm) can be considered as the hardness (H) of the indented
material. Upon unloading, the P–h slope is initially linear,
dP u

dh

��
hm

, where Pu is the unloading force. Upon complete
unloading (zero load), the residual depth is hr. The areas
underneath the loading curve and unloading curves are
the total work done by loading Wt and released by elastic
unloading We, respectively. Thus, the area enclosed by the
loading and unloading curve is the (plastic) work done by
the indentation process, Wp = Wt �We. These experimen-
tally accessible parameters are used to extract elastic and
plastic properties of the indented material, and provide the
basis for the algorithms included in most commercial inden-
ters for property extraction. With this background, we now
briefly describe specific approaches to measure properties
using sharp indentation (see Fig. 3).

2.2. Evaluating elastic modulus using instrumented
indentation

The method proposed by Oliver and Pharr [37] is by far
the most common approach to determine modulus (and
hardness) via interpretation of P–h behavior. Some related
earlier efforts can be found in Refs. [16,38]. There have
been a number of comprehensive reviews recently on this
topic [10,12,13].
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Fig. 2. Schematic of load–depth (P–h) curve during sharp indentation of a
ductile material. See text for details.
The original method is based on the expression

E� ¼ 1
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where b is a correction factor and E* is the reduced modu-
lus defined as

E� ¼ 1� m2

E
þ 1� m2

i

Ei

� ��1

; ð2bÞ

where Ei, mi are the Young’s modulus and the Poisson ratio
of the indenter, respectively. The projected contact area is
given as

Am ¼ pa2
m ¼ ph2

c tan2 h; ð3Þ
where hc is defined as the contact depth and is given by the
relation

hc ¼ hm � cP m

dP u

dh

����
hm

,
ð4Þ

and c is a tip-dependent geometry factor (typically denoted
as e but we change the variable here so as not to confuse this
with strain), which is equal to 0.72 for a conical, 0.75 for a
parabola of revolution and 1 for a flat cylindrical punch in-
denter. Here dP u

dh

��
hm

can be evaluated via a power law fitting
function of the unloading curve [13,37] or the continuous
stiffness measurement (CSM), in which a number of partial
unloading steps are superimposed on the loading curve [13].

For the method to work satisfactorily, careful calibra-
tion of the machine compliance, identification of the first
indenter–surface contact point, and determination of the
area function are all very important factors [10,12,13].

There are, however, two outstanding issues remaining
for further investigations. The first is that this method does
not rigorously account for pile-up (or sink-in) [13], and an
experimentally proven correction scheme is needed.
Another important issue is the value of the correction fac-
tor b used in Eq. (2). For a Berkovich indenter, the com-
monly used values in the available literature are between
1.034 and 1.09 [10,13]. An accepted consensus on b requires
thorough three-dimensional (3-D) computational investi-
gations. Nevertheless, this method is a mainstay of inden-
tation-based research, and the ‘‘indentation modulus’’ is
a descriptor not only of material stiffness, but of micro-
structural features as well (see Section 7).

2.3. Evaluating plastic stress–strain behavior using

instrumented indentation

Mathematical expressions to predict indentation P–h

curves using known elastic–plastic properties as input were
explicitly developed for Vickers [39] and Berkovich [40]
indenter tips using 3-D finite element analysis (FEA), i.e.
the ‘‘forward problem’’. Following this, an explicit step-
by-step methodology [16] was outlined for estimation of
elastic–plastic properties from instrumented sharp indenta-
tion (the ‘‘reverse problem’’) with detailed guidelines and
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Fig. 3. Graphic depiction of forward and reverse indentation analyses.
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sensitivity analysis in Ref. [41]. On a related note, using
large deformation FEA and dimensional analysis [42] on
the sharp indentation problem, Cheng and Cheng (see
Ref. [9] for a review) have obtained a significant amount
of useful information linking material properties to inden-
tation characteristics (such as loading curvature, initial
unloading slope, work ratio and depth ratio). Finally, pro-
posing a new way to define representative stress and strain,
Dao et al. [8] first constructed a complete set of explicit
analytical functions based on large deformation FEA to
extract both elastic and plastic properties from indentation
curves, and then proposed a reverse analysis algorithm. We
briefly outline the approach here.

For computational simplicity, models were performed
using an axisymmetric analysis; a pyramidal (Berkovich)
tip was represented by a shallow cone with identical pro-
jected area. The chosen materials were isotropic, Hookean
elastic and power-law plastic, as shown in Eq. (5)

r ¼
Ee; for r 6 ry;

Ren; for r P ry;

�
ð5Þ

where R is a strength coefficient, n is the strain hardening
exponent and ry is the initial yield stress at zero offset
strain. Using the continuity at the initial yielding and the
assumption that total strain e is composed of yield strain
ey and plastic strain ep, or e = ey + ep, Eq. (5) can be rewrit-
ten for r > ry as

r ¼ ry 1þ E
ry

ep

� �n

: ð6Þ

The derived expression is used to define a representative
stress rr at ep = er.

The importance of the representative value can be
explained simply as follows. Under sharp indentation, the
material immediately experiences large strains. Thus, it is
unlikely that deformed regions near the indenter tip (and
thus contributing most strongly to loading curvature C)
are precisely at their yield point. It can be argued that n

is more readily accessible from the relationship of Wp,
Wt (or of hr, hm) as the extent of elastic springback will
depend on hardening. Assuming E can be extracted via
the methods in Section 2.2, it only remains to extract a rep-
resentative stress rr from C. This is at the heart of the work
described herein.

A parametric study spanning a range of useful engineer-
ing solids (76 combinations of E, ry and n detailed in
Appendix A of Ref. [8]) was analyzed with dimensional
analysis in order to establish closed-form analytical func-
tions that related the input parameter spaces of elastic–
plastic properties (E, ry and n in Eq. (5)) to the output
parameter spaces of P–h characteristics (C, dP u

dh

��
hm

and hr

hm

defined in Fig. 2). Once those functions were identified,
the forward and reverse algorithms of indentation were
constructed upon the most robust and least sensitive route.
Of all the dimensionless functions found, the most critical
one was derived from the concept of representative stress
for the description of loading curvature as follows:

P1

E�

rr

; n
� �

¼ C
rr

: ð7Þ

It was shown that P1 increases with increasing n for repre-
sentative strain er < 0.033 and decreases with increasing n
for er > 0.033. However, when er = 0.033 an explicit func-
tional form of P1, independent of hardening exponent n,
was given [8]

P1

E�

r0:033

� �
¼ C

r0:033

¼ �1:131 ln
E�

r0:033

� �� �3

þ 13:635 ln
E�

r0:033

� �� �2

� 30:594 ln
E�

r0:033

� �� �
þ 29:267 ð8Þ

which fits all 76 data points within a 2.85% relative error.
Hence, a representative strain of er = 0.033 (3.3%) was
identified, and defined as the plastic strain level that
yields the loading curvature independent of material’s
hardening behavior (other values of representative stress
and strain obtained in the literature were also discussed
and related to er = 0.033 [16,39,43–46]). The significance
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of this representative stress (or strain) concept is twofold.
For the forward analysis, regardless of how two materials
strain-harden, as long as those materials possess the same
stress at 3.3% plastic strain, the indentation loading
behavior will be identical. On the other hand, for the
reverse analysis, Eq. (8) implies that by knowing only
E* and experimentally measuring C from the indentation
response, one plastic parameter (r0.033) of the indented
solid can be robustly estimated without the knowledge
of material’s hardening behavior. As mentioned above,
a similar dimensionless function P2 was provided to ex-
tract n from dP u

dh

��
hm

, after calculation of E* and r0.033.
Using Eq. (6), ry and thus the full elastic–plastic behavior
of the material, may be obtained [8].

In brief, the forward algorithm was robust with low
sensitivity while the reverse algorithm was robust in pre-
dicting the representative stress r0.033 but suffered high
sensitivity in predicting ry and n. Also uniqueness of the
solution is not always guaranteed at certain parameter
ranges [8,9]. In order to circumvent the high sensitivity
in extracting properties from indentation, various models
of neural network (e.g. inverse analysis) have been used
for both conical [47,48] and spherical [19,49] indenters
for more complex systems such as film/substrate and
graded materials.

Another well-received solution to enhance the capability
of reverse analysis was the use of two or more indenters
[14,15,50–53]. In fact, the idea of using multiple tip geom-
etries to mechanically characterize elastic–plastic solids
dates back to works by Dugdale [54,55] and Atkins and
Tabor [56]. In addition, various ways to construct universal
dimensionless functions have been explored by combining
dimensional analysis and FEA computations. For example,
among many others, Cao et al. [44] proposed an energy-
based formulation, and Wang et al. [50,57], using the
non-dimensional parameter K = P/hS (where S ¼ dP u

dh is
contact stiffness) that can be monitored via continuous
stiffness measurement (CSM) during indentation test, con-
structed a reverse algorithm relating elastic and plastic
properties to ry and n.
a

Fig. 4. (a) Nanoindentation of patterned metallic lines on a substrate, illustrati
substrate, the composite response of both constituents must be considered for
2.4. Summary remarks

As described above, a remarkable effort has been
expended to extract the properties of engineering metals
using indentation methods. This has spurred a number of
related activities to determine the limits of applicability
of these analyses, in the context of size scale and material
type (see below). In addition, methods have provided a
springboard for the investigation of heterogeneous materi-
als systems. We describe progress on this latter topic in the
next section.

3. Indentation response of heterogeneous material systems

As stated in Section 1, one advantage of indentation is
the ability to probe the mechanical response of systems that
are inaccessible via other methods. Most notably, this
includes thin or thick films on substrates, multilayers or
particulate composites. Nevertheless, although these finite
systems may be readily indented (Fig. 4(a) shows an exam-
ple of indentation of a patterned metallic line on a sub-
strate [58]), interpretation of results has required
significant analysis. The study of contact response in finite
layers (e.g. indentation of an elastic strip on a rigid surface)
can be found in the civil engineering literature, back to the
turn of the century (see Ref. [1] for a review.) A far more
recent concern has been the differentiation of coating and
substrate contributions to indentation response in bilayer
systems. That is to say, during nanoindentation of a thin
film on a substrate (Fig. 4), if indentation depth is of the
order of film thickness, the elastic and plastic properties
of both constituents as well as interface quality affect the
loading and unloading behavior. However, as many com-
mercial indenter systems include automatic algorithms to
calculate hardness and modulus, most studies in the litera-
ture have focused on these resultant values, and not the
raw P–h response. Comprehensive treatment of the subject
may be found in Refs. [59,60]. In this section, we discuss
two further heterogeneous systems: multilayered materials
[61–71] (3.1) and hard particle/soft matrix composites
substrate

film

interface

b

ng the flexibility of the technique [58]. (b) During indentation of a film on a
large depths.



4020 A. Gouldstone et al. / Acta Materialia 55 (2007) 4015–4039
(3.2), namely the effect of different constituents on com-
bined indentation response. Section 3.3 is devoted to the
probing of local properties.

3.1. Indentation analysis of multilayered materials

To begin, we consider a structure composed of alternat-
ing layers of two perfectly bonded metals, designated A
and B, of equal thickness and with elastic–perfectly plastic
responses (used as input in the model), and ryB > ryA. This
composite is indented normal to the layer direction with a
sharp indenter, as shown schematically in Fig. 5. The
indentation displacements considered are sufficiently deep
that the effective hardness resulting from the composite
structure can be obtained. Note that although in reality
the individual layer thickness may be conceived to be in
the submicron range, there is no intrinsic length scale
involved in this continuum-based simulation. As a conse-
quence, there is no size-dependent effect caused by the
varying underlying deformation mechanisms found in
actual micro- and nanolayered metals. Nevertheless, it
can be argued that a continuum understanding is the first
step, and once a robust description at this level is obtained,
any deviations arising from micro- or nanostructural effects
may be readily analyzed. Specifically, we consider the
indentation response of such a structure, and discuss the
effectiveness of homogenized composite properties in
describing the results.

Finite element analyses of compressive loading are first
performed to obtain the overall effective yield strength of
the A–B multilayered composite. The effective stress–strain
response in the transverse direction is then used as the
input response of a homogeneous material to be subjected
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Fig. 5. Top schematic shows indentation of an A–B multilayered
composite. Plot shows indentation hardness as a function of normalized
depth for A–B and B–A stacks (see inset), as compared to homogeneous
A, B, and homogenized composite [72].
to indentation loading, the results of which are compared
to indentation models of multilayers themselves. Two mod-
els are considered (Fig. 5, insets), with the topmost layer
either material A or B, named ‘‘AB stack’’ or ‘‘BA stack’’,
respectively. (In the case of indenting a homogeneous
material having the built-in composite properties, as
described in the previous paragraph, the entire specimen
is simply replaced by a homogeneous material with the
specified elastic–plastic input response.) Other modeling
details can be found in Ref. [72].

Fig. 5 shows the modeled hardness as a function of
indentation depth for the homogeneous A and B materials,
the homogenized multilayer, and the composite structures
with explicit A–B layering. It is seen that the model of
homogenized multilayers results in hardness values which
are almost exactly the averages of pure A and B materials.
One can calculate the ratio of hardness/yield strength for
the homogeneous materials and homogenized multilayers,
and the ratio is approximately 2.93 for all three models.

As for the composite structures in Fig. 5, it is evident
that the ‘‘AB stack’’ and ‘‘BA stack’’ models do not gener-
ate the same hardness results as in the homogenized multi-
layers. At shallow depths, the hardness is dominated by the
top layer material so ‘‘BA stack’’ and ‘‘AB stack’’ result in
very high and low hardness values, respectively. As the
indentation depth increases, the difference between the
two arrangements is reduced and the two curves tend to
merge. Ideally there will be a single hardness value at very
large indentation depths, although in Fig. 5 the two curves
are still somewhat apart at a depth corresponding to eight
initial layer thicknesses. Nevertheless, it is apparent that
both composite models underestimate the overall strength
of the structure (recall that the homogenized model repre-
sents the ‘‘true’’ composite response, or, in other words, it
is the continuum representation of the multilayers under
uniaxial loading). If the measured hardness is to be used
to derive the overall yield strength of the multilayers, a
ratio smaller than that identified for homogeneous materi-
als (2.93 as shown above) should be used.

One factor that can contribute to the underestimation of
composite yield strength by indentation is the localized nat-
ure of indentation loading; the several softer layers close to
the indent accommodate a greater part of the geometric
constraint through easy plastic flow. This also implies a less
efficient load transfer process during indentation compared
with the case of overall uniaxial loading of the composite. It
should be noted that the present example concentrates only
on alternating layers of elastic–perfectly plastic metallic
films. If one or both materials strain-harden upon yielding,
the indentation response can be significantly influenced
depending on the actual hardening parameters. Neverthe-
less, this example serves to provide a baseline understanding
of the relationship between indentation hardness and over-
all yield strength for multilayered elastic–plastic materials.
It also serves to illustrate the rather poor current status of
knowledge on the indentation behavior of even this very
simple form of heterogeneous material system. Further
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explorations involving more complex material, geometric
and interface features need to be undertaken.

3.2. Hard particles/soft matrix systems

A similar methodology has been applied to a composite
containing hard particles in a ductile matrix [73,74]. Mate-
rial systems of this type include particle-reinforced metal
matrix and polymer matrix composites, dispersion-
strengthened alloys and precipitation-hardened alloys.
Here global loading (uniaxial tension or compression) of
a model composite with discrete hard particles inside a soft,
elastic–power law plastic hardening matrix can be modeled
using finite elements. The resulting stress–strain behavior
can then be used as the input of a homogeneous material,
to be subjected to indentation modeling, and compared
with direct indentation of the two-phase composite [75].

Numerical results have shown that, similar to the multi-
layered case, the indentation behaviors of these two models
differ significantly [73,74]. The two-phase composite (with
particles explicitly accounted for) consistently shows a
harder response than the corresponding homogenized com-
posite, even when the indent size is much greater than the
size and spacing of the particles. From the simulation it
can be observed that there is an increased particle concen-
tration (‘‘particle crowding’’) directly underneath the
indentation in the particle-containing model, which cannot
be easily accounted for in the homogenized model. Fig. 6
shows a representative deformed two-phase composite
under indentation and the plastic strain contours. The
‘‘particle crowding’’ effect may be partially explained by
Fig. 6. Contours of equivalent plastic strain in a representative 2-D ‘‘two-
phase composite’’ model under indentation [75]. The particles were taken
to be elastic with no plastic strain so they are discernible in most of the
regions. Plastic flow inside the matrix is forced into a banded structure.
The interparticle spacing directly underneath the indenter is reduced,
compared to the lightly loaded regions.
the very high hydrostatic pressure below the indentation.
The presence of hydrostatic pressure implies greater volu-
metric compression for the soft matrix than for the much
stiffer particles. This, in turn, means a relatively higher par-
ticle volume fraction. As the indenter moves downward, it
encounters resistance from a material with an increasingly
greater concentration of hard particles. This increase in
particle concentration also renders the locally work-
hardened matrix even more constrained. A greater load is
thus needed to achieve a given indentation displacement.
In the homogenized model, this hardening effect due to
particle crowding is non-existent. The main implication is
that, in actual indentation tests, the indentation hardness
can overestimate the overall strength of the composite.
Experimental measurements using macro-indentation on
SiC particle-reinforced Al matrix composites have pro-
vided support of the above modeling results [75]. Although
the experiments were performed on materials with micro-
scale heterogeneity using large indentation, similar behav-
ior is expected when performing nanoindentation on
materials with nanoscale heterogeneity or even well-charac-
terized precipitation-hardened engineering alloys.

It is worth pointing out that a similar kind of particle con-
centration enhancement has also been experimentally
observed in post-indented specimens [76]. Detailed quantita-
tive metallography was performed on an Al/SiC composite,
which showed a distinct increase in particle concentration
directly beneath the indentation even after the disengage-
ment of the indenter. This is due to the residual compressive
stress field remaining in the material after unloading, also
illustrated by the finite element analysis. Finally, it has also
been shown numerically that indentation of a material con-
taining internal pores behaves in precisely the opposite man-
ner to the above two-phase composites. That is to say, under
indentation, local pore crushing occurs, leading to underes-
timation of the overall mechanical strength [77].

3.3. Local indentation behavior in heterogeneous materials

The examples given in Sections 3.1 and 3.2 belong to the
cases where the indentation size is greater than the micro-
structural feature size in the heterogeneous materials. In
practical applications, nanoindentation is frequently
employed to probe a particular micro- or nanoscale entity
in a multiphase structure. The indentation response may
thus be influenced by the microscopic heterogeneity, even
though the indentation is strictly within one nominally
homogeneous feature. Durst et al. [78] have used finite ele-
ment simulations to investigate the influence of the shape
and aspect ratio of particles on the single-phase indentation
behavior in particle–matrix systems. The simulation results
rationalized the transition indentation behavior from parti-
cle to matrix, experimentally observed in precipitation-
hardened nickel-based superalloys. Olivas et al. [79] have
recently used nanoindentation to study the thermal resid-
ual stresses in SiC particle-reinforced Al matrix compos-
ites. The technique, originally developed by Swadener



Fig. 7. Left plot shows power-law grading elastic modulus of a material, with decreasing compliance away from the surface. Right figure shows (A)
characteristic cone cracking in a homogeneous composite under spherical indentation (from top, not shown) and (B) suppression of cracks in a FGM with
graded modulus [81].
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et al. [80], features extrapolation of spherical indentation
data from the post-yield regime to determine the contact
radius at the onset of yielding. The experimental results
compared favorably with the finite element analysis, which
suggested the general credibility of applying spherical nan-
oindentation in characterizing the local surface residual
stress in the ductile matrix in metal matrix composites.
Clearly, the effect of microstructural heterogeneity on the
local indentation response is still an under-researched area.
More work should be conducted to increase the applicabil-
ity of nanoindentation in accurately probing the mechani-
cal behavior in realistic material systems.

3.4. Functionally graded materials and limiting assumptions

Functionally graded materials (FGMs) are a relatively
new class of structure theoretically purported to reduce
the process and/or operation-induced stress concentrations
typically present in composites with discretely heteroge-
neous structures. As many proposed FGMs exist in coating
form, similar limitations arise in probing their mechanical
behavior, and indentation emerges as a preferred method.
As stated above, extraction of the depth-dependent elas-
tic–plastic properties of graded metallic systems using
indentation has primarily been studied using neural net-
work methods and inverse analysis [16–22,46–48]. In addi-
tion to property extraction, interesting results have been
obtained regarding the contact (tribological) response of
FGMs (e.g. Refs. [81,82]). For example, fabrication of a
graded alumina–glass composite in which Young’s modu-
lus increased with depth showed a complete suppression
of Hertzian cone cracks underneath spherical indentation
[82] (Fig. 7). This innovation provided new possibilities
for improving contact-damage resistance in engineering
ceramic materials [83–87]. However, these results were dif-
ficult to exploit using conventional deposition techniques,
e.g. thermal spray [88], primarily due to the imperfect load
transfer between composite phases. This is an important
consideration for the expansion of indentation analysis
for real graded systems, as well as heterogeneous
structures.

4. Departures from continuum treatment – the indentation

size effect

The above discussions focus on the continuum treat-
ment of indentation experiments and do not include any
intrinsic material length scales. However, it is now well
established that bulk microcrystalline or single-crystal
materials exhibit an ‘‘indentation size effect’’ (ISE) in which
hardness increases with decreasing sampling volume. For
the purposes of this short commentary, considering a Ber-
kovich indenter, we may distinguish between two nanoin-
dentation responses exhibiting ISE.

The first, with maximum depths ranging between 400
and 10000 nm, results in a continuous P–h curve, with stea-
dily decreasing hardness at larger depths. In the absence of
a depth-sensing system, this effect is exhibited under
microhardness tests, with decreasing P/A under increasing
load, measured optically (e.g. Refs. [89–94]). A number of
researchers have attempted to address this effect via the
phenomenological explanation that in these experiments
the dominant length scales of indentation deformation
approach critical microstructural length scales of disloca-
tion spacing. Although qualitatively a general agreement
has been reached on this topic, quantitative agreement
has not yet been achieved, despite a large amount of mod-
eling activity [95–98]. Interestingly, the ISE is not exhibited
to nearly as great an extent in nanocrystalline metals
[99,100], ostensibly due to the far smaller critical length
scale (grain size) involved in plastic deformation. Further
comment on this particular topic (nanocrystalline metals)
is provided in the accompanying review in this issue [101].

The second ISE response occurs at maximum depths of
less than 400 nm, and does not so much concern the change
in hardness with indentation depth, but rather the discret-
ization of deformation into its elastic and plastic compo-
nents. This is manifested by a ‘‘staircase’’-shaped
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deformation under load control. Much of the work in the following sections of this paper has been undertaken to understand this phenomenon.
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P–h curve, as shown in Fig. 8. Two salient features of this
curve are the following: (i) the initial positive slope corre-
sponds to the response of a purely elastic material (with
the modulus of the indented specimen) under spherical
indentation (with tip radius R equal to that of the Berko-
vich indenter – see Fig. 1(c)), and (ii) the first displacement
burst (or ‘‘pop-in’’) typically occurs at a load P that corre-
sponds to the maximum shear stress under the indenter of
the same order as the theoretical shear strength of the
indented specimen material. Thus, the underlying mecha-
nism for this is the nucleation and propagation of disloca-
tions, under an initially elastic strain field. This
phenomenon has been observed in bulk and thin film single
and polycrystals (e.g. Refs. [102–120]) and a review of
experimental techniques can be found in Ref. [121]. It
should be noted that although initial efforts to describe this
behavior focused on perfectly smooth surfaces, a number
of recent investigations have pointed out the importance
of asperites as sites for dislocation initiation (see Section
5). To further explore the effect of specimen size on behav-
ior, nanoindentation (or nanocompression employing posi-
tion control of nanoindenters) has been performed on
structures with small volume dimension in all three direc-
tions, e.g. Si nanospheres [122,123], Au nanoclusters [124]
or pillars [125–127] and Ni-based microsamples [128].
These latter studies are notable in that the researchers were
able to delineate size-effect observations without the high
strain gradients inherent to indentation.

Since its initial observation, a tremendous effort has
been made to understand the nature of defect nucleation
under nanoindentation. Beyond the issue of tribology
and/or engineering systems at the nanoscale, the rationale
for this extends to a clarification of the fundamental nat-
ure of plasticity itself. Although a number of conceptual
models have been proposed to describe this, it has been
accepted that for a true picture, we must turn to atomic-
scale models and direct in situ observation of defect for-
mation under nanoindentation – the foci of the next two
subsections, respectively.

5. Atomistic modeling of nanoindentation

5.1. Comprehensive review of the literature

Atomistic modeling means utilizing discrete atomic
coordinates as (one of) the essential degrees of freedom
in modeling material behavior [129]. While molecular
dynamics (MD) simulation is a well-known atomistic
method, it is important to recognize there are many other
discrete-atom based techniques such as static energy mini-
mization, chain-of-states approach [130–133] for saddle
point calculation [134,135], Monte Carlo, hyper-MD
[136], etc., that ameliorate some of the serious deficiencies
of MD. The potential energy surface (PES) that drives
atomistic dynamics in the computer may be an empirically
fitted function [137], or it could be evaluated on-the-fly by
solving concurrently the quantum mechanical problem of
the electrons [138]. Most atomistic models of nanoindenta-
tion to date have been carried out with empirical potentials
[58,139–177], but there are also some notable exceptions
[178–182]. The goals of these simulations are similar: to
reveal the inelastic deformation mechanisms under the
indenter, to visualize the defect structures and to interpret
the P–h curves.

To our knowledge, Landman et al. [139] and Hoover
et al. [140] performed the first atomic-level simulations of
nanoindentation. The latter in particular were interested
in using these simulations to probe bulk elastic–plastic
responses [140,143,183]. Harrison et al. published simula-
tion results of nanoindentation on diamond (111) surface
[141,184], and found a fracture mode of stress relaxation
under the indenter. Harrison, Brenner, Sinnott et al. then



Fig. 9. MD simulation of nanoindentation of fcc Cu by a spherical
indenter. Atomic structure of homogeneously nucleated dislocations
beneath the (111) surface: (a) bottom view along the [111] direction;
(b) side view along the [112] direction. Atoms with a coordination number
other than 12 are shown. The indenter first contacts the green atom. The
sites of subsurface homogeneous dislocation nucleation agree well with
nonlinear elasticity finite-element calculation using the Cauchy–Born rule
and soft-phonon criteria. (Reprinted with permission from Ref. [204].)
(For interpretation of the references in colour in this figure legend, the
reader is referred to the web version of this article.)
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published a series of papers on indentation, adhesion and
friction in covalent materials, using more realistic inter-
atomic potentials [145,185,186].

In 1998, Kelchner, Plimpton and Hamilton published a
landmark paper on the dislocation structure generated
under the Au(1 11) surface after indentation by a smooth
sphere [146]. Unlike previous studies, they paid close atten-
tion to characterizing the bulk atomic environment for
defect visualization. They invented a scalar measure – the
centrosymmetry parameter – for each atom, to distinguish
between partial and perfect dislocation configurations
inside a face-centered cubic (fcc) crystal. Their calculations
showed for the first time that the initial dislocations nucle-
ated in spherical indentation do not originate from the
surface, but directly inside the bulk, away from any pre-
existing defects – in other words, homogeneous nucleation.
This was later verified by Gouldstone et al. in a bubble-raft
experimental model (Fig. 11) [188]. A soft-phonon criterion
[129] was proposed to address the stress condition required
for homogeneous nucleation in the athermal (T = 0 K)
limit (Fig. 9). Specifically, an analytical criterion was
derived to describe soft long-wavelength phonon or elastic
wave initiated instability [154,161], although this did not
exclude other phonon modes [189]. An immediate conse-
quence of this explanation is that the raw magnitude of
the experimentally measured strength before the first dis-
placement burst in nanoindentation appears to be a very
significant fraction of the theoretical strength [190–192],
the upper bound on material strength. A large body of
work appeared thereafter, mostly probing the athermal
limit (with and without pre-existing defects).

Much attention has been focused on the responses of
grain boundaries (GBs) under an indenter [193]. Feichtin-
ger et al. observed GB sliding, and GB acting as a disloca-
tion sink in their simulation [155]. Ma and Yang observed
GB-aided partial dislocation nucleation – in other words
heterogeneous nucleation [161] – which has a lower ather-
mal threshold stress than that of homogeneous nucleation
inside the perfect lattice [159]. Yoon, Kim and Jang
observed lattice dislocation absorption induced GB migra-
tion [194]. The generally complex interactions of lattice dis-
locations with GB and GB dislocation networks have been
seen by Hasnaoui et al. [164], in qualitative agreement with
uniaxial tension simulations. The nanoindenter in these
simulations can be regarded as a ‘‘dislocation gun’’, via
which plasticity is injected into a localized region. One
can interrogate local responses, such as near GB vs. inside
the grain interior [159,193], rather than measuring the aver-
age effect, as in uniaxial tension simulations.

While nanoindentation experiments are often analyzed
in the context of bulk properties, surface phenomena and
surface effects are important, and atomistic simulation is
a powerful tool for revealing these, since the physical effects
of surface stress, lattice anisotropy and the possible com-
plexities of the geometry itself are automatically built in.
Zimmerman et al. studied the significant effect of a single
atomic step (asperity) on the surface in lowering the ather-
mal threshold load of heterogeneous dislocation nucleation
[152]. Smith et al. used atomistic simulation to study mate-
rial pileup patterns when indenting the (110), (100) and
(11 1) surfaces of body-centered cubic (bcc) Fe, and found
good qualitative agreement with experiments [160]. The
same pileup pattern problem was also studied by Wang
et al., but with continuum crystal plasticity [195].

For ceramic materials, detailed modeling have been car-
ried out to predict, for example, phase transformation
[169,180,196], cleavage fracture and solid-state amorphiza-
tion [150,162] under indenation. Studies by Szlufarska et al.
showed, for nanocrystalline ceramics, the importance of
the thin GB amorphous layer in grain sliding and rotation
[175,176]. Simulation of nanoindentation on a model bulk
metallic glass was recently performed by Shi and Falk, who
observed intense shear localization leading to multiple



Fig. 10. Correlation of the MD P–h response and dislocation activities in single-crystal fcc Al at several indenter displacements. Atoms with a
coordination number other than 12 are shown. Note the heterogeneous nucleation of a full prismatic dislocation loop at (c). (Reprinted with permission
from Ref. [161].)
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shear band nucleation [172]. Nanoindentation simulations
of a polymeric material [197] and a protein crystal [198]
have been performed by coarse-grained molecular dynam-
ics where the discrete degrees of freedom represent groups
of atoms (structural units) rather than individual atoms,
which interact with each other via effective coarse-grained
potentials. Very recently, an experimental colloidal crystal
indentation model was constructed by Schall et al. [187],
and visualized by laser diffraction microscopy and confocal
microscopy, following prior work by Gouldstone et al.
[188] and Thalladi et al. [199]. The novel feature of this
‘‘atomic-scale’’ model is that the role of thermal fluctua-
tions in homogeneous and heterogeneous defect nucle-
ations can now be systematically studied. A stacked straw
model was also recently used for experimental simulation
of crystal defect mechanisms under indentation [200].

5.2. Commentary on future opportunities for research

Generally speaking, atomistic modeling faces three chal-
lenges in trying to fulfill its stated goals: (i) the accuracy of
the PES description, (ii) the length scale and (iii) the time-
scale that can be modeled. As we will see, none of these
challenges are insurmountable, if one does not insist on



Fig. 11. Photograph of a bubble-raft model that provides a 2-D
experimental analog of atomic models. In this figure, indentation with a
blunt tip causes homogeneous nucleation of a dislocation at the location
of maximum shear stress predicted by Hertzian theory for elastic solids
[188].
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using a single atomistic approach (such as MD), and is will-
ing to link to models at other scales such as discrete dislo-
cation dynamics [173,201,202] and continuum dynamics
[181,182]. However, practically speaking, among the three
challenges, that of the timescale is currently the most
daunting. For the PES description, fairly robust empirical
potentials now exist for monatomic metals, such as Cu
[203,204], that allow one to carry out basic mechanistic
studies to compare with experiments. While at present
there is definitely a length scale challenge, one could argue
that nanoindentation is probably one of the best problems
in mechanics for atomistic models, since the actual indenter
tip radius is of the order of 1–1000 nm. Nowadays one can
easily perform atomistic calculations for a 106 atom config-
uration, which corresponds to a 23 · 23 · 23 nm cube of
copper, on a personal computer. An optimistic extrapola-
tion of Moore’s law in computing power, combined with
smart treatments of the surrounding continuum [205] and
mesoscale [206], suggest that the length scale challenge
for atomistic simulation is not as a daunting problem as
it initially seems. Furthermore, an argument can be made
that atomistic models probably should not be used above
100 nm in an engineering setting, since that is the domain
of mesoscale dislocation dynamics [201,202,207] and con-
tinuum crystal plasticity and damage mechanics [195,208],
which are far more aesthetically appealing descriptions at
those scales.

However, there is a real timescale challenge for atomistic
models [137], since the actual nanoindentation measure-
ments take seconds to complete, while the most common
atomistic approach, MD simulation, tracks events on the
picosecond timescale (i.e. atomic vibrations). In addition,
present in situ observations (see Section 6) do not acquire
images fast enough to resolve many of the transient dislo-
cation activities, so atomistic simulations can fill in those
details. However, one must keep in mind that what one
‘‘sees’’ in an atomistic simulation does not necessarily
reflect experimental reality. Additional analytic theory is
necessary to justify results.

For example, in the case of indenting a pristine single
crystal with atomically flat surface [188], the first inelastic
displacement burst at low temperature may correspond to
homogeneous defect nucleation in the bulk, defined as
nucleation without the aid of pre-existing lattice defects.
The athermal threshold condition of homogeneous nucle-
ation has been proposed to correspond to locally soft pho-
nons [189,192,209], where the vibrational frequencies of
some normal modes of the perfect crystal take on imagi-
nary parts due to the high stress. A special case of the
general soft phonon instability [189,192,209] is the long-
wavelength soft phonon instability [154,161,189,210],
which admits an elegant analytical criterion that corre-
sponds to vanishing of the local acoustic tensor
[185,211,212]. This athermal limit of soft phonons (whether
it is long-wavelength or not), which causes the inelastic
event in pristine crystals at 0 K, can be probed very accu-
rately by atomistic calculations [146,154]. In this case, even
with ordinary MD, the effect of indentation rate can be
shown to be unimportant, as long as the speed of indenta-
tion is much slower than the speed of sound.

However, a real specimen may not be pristine crystal
prior to indentation, and may contain point defects, voids,
inclusions, dislocations, etc. Heterogeneous nucleation
[161] (see for example Fig. 10c) may occur, e.g. nucleation
of a dislocation near a pre-existing defect [135]; or simply
defect propagation [213] if the new defect is of the same
type as and connected to the old defect, e.g. when a dislo-
cation segment breaks free of pinning points and starts to
expand. Further, at finite temperature, thermal activation
can help the system cross the activation barrier, regardless
of whether the barrier is that of homogeneous nucleation,
heterogeneous nucleation or defect propagation. This will
introduce rate dependence to the P–h response [214,215].
Following the classic harmonic transition-state theory
[216,217], the rate of a possible inelastic event can be
expressed as R = mexp(�Q(s)/kBT), where s is the local
stress at the event site (excluding self-stress of the pre-exist-
ing defect in the case of heterogeneous nucleation or defect
propagation), Q is the activation free energy, kBT is magni-
tude of thermal fluctuation and m is the trial frequency.
Because this is a theoretical platform that the majority of
researchers accept in dealing with rate dependences, it is



Fig. 12. SEM photograph of an in situ indentation TEM specimen.

A. Gouldstone et al. / Acta Materialia 55 (2007) 4015–4039 4027
very important to cast atomistic simulation results in this
language.

The stress sc at which Q(sc) = 0 is called the athermal
threshold, which in the case of homogeneous nucleation
was proposed to be related to soft phonons [129,152,161,
189,192,209,210], since phonon coordinates constitute the
complete basis for atomic motion in a perfect crystal. The
term X(s) ” �oQ/os is defined as the true activation volume:
it has units of volume and is in general a strain-like symmet-
ric tensor. X(s) is an important quantity to access, and the
systematic measurement of this parameter by nanoindenta-
tion has been performed by Ngan and co-workers [214] and
Schuh et al. [215,218]. The reason is because once Q(so) and
X(so) are measured at some reference stress so, then the
probabilistic rate of this inelastic event occurring at any
other stress s can be approximated by a linear expansion
Q(s) � Q(so) � TrX(so)(s � so) In other words, the activa-
tion volume is simply the tangent slope of activation energy
with respect to the local stress. One must be careful in using
the above linearized expansion at so = sc, however, because
it is a rigorous result that X(sc) = 0 for any system, whether
in homogeneous nucleation [154,189], heterogeneous nucle-
ation [161] or defect propagation [213,227]. This is due to
the fact that at sc, the initial minimum and the saddle-point
configurations merge.

The timescale challenge for atomistic simulations is
therefore to extract Q(s) and X(s) information efficiently
and accurately, for microscopic processes that could be
rate-limiting under the indenter. Conventional MD is not
going to be effective for inelastic events with Q(s) > 10kBT
(0.25 eV if T is room temperature), because one needs to
numerically integrate over at least �e10 = 2 · 104 vibra-
tional periods to have a reasonable chance of observing
one such inelastic event in the simulation. Since numerical
stability of the MD time integrator usually requires �50
time steps to integrate over one period of the highest vibra-
tional frequency mode, this means �106 time steps to catch
one such inelastic event. It would take about 3 days on a
reasonably priced personal computer, for the 106 atom,
23 · 23 · 23 nm copper cube mentioned above, which is
on the borderline of what is acceptable.

Thus, a more ‘‘clever’’ approach needs to be taken, such
as hyper-MD [136], dimer dynamics [219] or any of the
long-timescale methods currently under active develop-
ment [220]. The problem is challenging because there are
many possible inelastic events for any specific configura-
tion, and perhaps only a small fraction of these are relevant
experimentally. Furthermore, the rate-limiting event or
saddle-point may change when s is varied or if the config-
uration has further evolved, in which case we say there is a
switch in the rate-limiting mechanism [134]. X(so) is a good
predictor of when this switching might occur [134].

While no one has so far carried out these rate-sensitive
calculations with indenters, some relevant work can be
noted. To our best knowledge, the first atomistic activation
energy calculation involving dislocation was performed by
Bulatov et al. [221] on kink nucleation and migration in Si.
Rasmussen, Vegge et al. then studied dislocation cross-slip
in fcc Cu [222–225], and Wen and Ngan studied kink nucle-
ation in bcc Fe [226], all using the chain-of-states approach
[130–133] first developed in chemical physics. These excel-
lent works established the validity of the atomistic
approach to accurately characterize nanomechanical acti-
vation processes. It differs from the traditional MD
approach of studying defects by time integration, so it is
not limited by the atomic vibrational timescale, enabling
one to study rare events [136]. Zhu, Li and Yip used the
same approach to study crack-tip activations, where the
controlling variable is not s but the stress intensity factor
K. They have modeled heterogeneous nucleation of dislo-
cation in front of the crack tip [135], and cleavage crack
kink nucleation and propagation in Si [213,227]. There
should not be any fundamental difficulty to perform similar
calculations under nanoindentation loading. This appears
to be the best strategy to address the timescale challenge
for atomistic models at this moment.

6. In situ observations of nanoindentation

While conventional nanoindentation tests are able to
quantitatively measure the mechanical behavior of materi-
als, the discrete deformation mechanisms that contribute to
the measured behavior are rarely observed directly. Typi-
cally, the mode of deformation during a nanoindentation
test is only studied ex post facto, or in situ but by indirect
techniques such as Raman spectroscopy [228] or electrical
resistivity measurements [229]. Recently, the phenomeno-
logical interpretation of nanoindentation tests, and indeed
the mechanical behavior of solids at their elastic limit, has
been addressed by the experimental technique of in situ
nanoindentation in a transmission electron microscope
(Fig. 12 shows a typical specimen geometry). This experi-
mental technique has shown direct observations of the
nanoindentation-induced deformation behavior in bulk



Fig. 13. (a)–(f) Time series taken from a video of an in situ nanoindentation into silicon Æ100æ. The diamond indenter is in the top left corner of each
frame, and the silicon sample is in the lower right. The time in seconds from the beginning of the indentation is shown in the top right corner of each frame.
(a) Prior to indentation the silicon sample is defect free. In (b) and (c) the initial stage of indentation shows elastic strain contours resulting from the
pressure applied by the indenter. In (d) and (e) the dislocations can be seen to nucleate, propagate and interact as the indentation proceeds. (f) After a peak
depth of 54 nm the indenter is withdrawn and the residual deformed region consists of dislocations and strain contours that are frozen in the sample. (g) A
011 zone axis electron diffraction pattern of the indented region directly after the in situ indentation. With the exception of slight peak broadening, the
diffraction pattern is identical to similar patterns taken prior to indentation, showing only single-crystal diamond cubic silicon with no additional phases.
The tails seen on the diffraction spots pointing in the Æ200æ direction are a geometrical effect due to the wedge geometry, which exhibits a drastic change in
thickness over a very short distance. Fig. 7(h) is the same indentation in a g ¼ ð022Þ dark-field condition. Note the continuous surface across the indented
region, indicating that the indentation left at least one side of the wedge intact.
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Fig. 14. (a) Bright-field TEM micrograph of an in situ indentation into
Æ100æ silicon that was taken to a depth of 220 nm. The image was taken in
a kinematic condition in order to show the undeformed region surround-
ing the indented volume, which was heavily deformed through dislocation
plasticity. The 110 zone axis electron diffraction pattern inset was taken
after indentation and shows only the presence of the diamond cubic phase
of silicon. This diffraction pattern is identical to diffraction patterns taken
before indentation, except for a slight broadening of the diffraction spots
due to the heavily dislocated region of the indentation. (b) A plan-view
scanning electron micrograph of the same indentation. Relatively large,
metal-like extrusions can be seen surrounding the indentation. These
extrusions can also be seen above the indented volume in (a), and as
shown by the inset diffraction pattern are extrusions of single-crystal
diamond cubic silicon.
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materials [230,231] and thin films [232–235]. Here we focus
our comments on two important engineering materials that
serve as model metallic and ceramic systems, Si and Al.

6.1. Case study: silicon

Over 50 years of research on dislocation behavior in Si
supports the conclusion that dislocations do not generally
move during conventional mechanical testing at tempera-
tures below 450 �C [236,237]. Under large-deformation
conditions such as indentation loading, where localized
stresses can approach the theoretical shear strength of the
material, dislocation structures have been observed in Si.
Traditionally, these are thought to result from either block
slip [238,239], or phase transformations [240–242], rather
than the nucleation and propagation mechanisms associ-
ated with conventional dislocation plasticity. However,
recent results have shown evidence of room temperature
dislocation plasticity in Si in the absence of phase transfor-
mations through post-mortem transmission electron
microscopy (TEM) of shallow indentations [243].

Direct nanoscale observations of deformation mecha-
nisms during the earliest stages of indentation in silicon
were reported using the technique of in situ nanoindenta-
tion in a transmission electron microscope [244]. The
in situ experiments were performed on Æ10 0æ n-type
single-crystal silicon samples that were fabricated litho-
graphically in the shape of a wedge. The wedge geometry
provides electron transparency as well as mechanical stabil-
ity. Indentations were performed on two different wedge
geometries, where the wedge was either terminated by a flat
plateau �150 nm in width, or sharpened to a plateau width
of approximately �20 nm.

In situ nanoindentation experiments were performed on
the silicon wedge samples to peak depths ranging between
50 and 200 nm. Indentations to depths greater than 200 nm
were not performed in situ due to the inherent limitations
in electron transparency of the wedge geometry. During
in situ indentation the deformation is observed and
recorded in real time, and diffraction patterns are taken
directly after unloading. It was found that plastic deforma-
tion proceeds through dislocation nucleation and propaga-
tion in the diamond cubic lattice. Fig. 13 shows a series of
images taken during an indentation into the ‘‘blunt’’ geom-
etry, which had a plateau of �150 nm at the top of the
wedge. Fig. 13(a) shows the defect-free sample prior to
indentation. Fig. 13(b) and (c) shows the evolution of elas-
tic strain contours as the indenter presses into the sample –
no evidence of plastic deformation is seen at this point. The
elastic strain contours reveal the shape of the stress distri-
bution in the sample (these are essentially the contours of
principal stress). Fig. 13(d) and (e) clearly shows the nucle-
ation and propagation of dislocations from the surface as
deformation proceeds. This particular indentation was
taken to a peak depth of 54 nm, resulting in the plastic zone
shown in Fig. 13(f). The post-indentation selected area dif-
fraction pattern of the indented region is shown in
Fig. 13(g). Due to the high density of dislocations after
indentation, a slight broadening of the diffraction spots is
observed. The broadening of diffraction spots is an
expected consequence of a high density of dislocations cre-
ated on multiple slip planes [245]. However, no additional
diffraction spots or rings are present after indentation as
compared to diffraction patterns taken prior to indenta-
tion. This indicates that no additional phases (crystalline
or amorphous) have formed. Fig. 13(h) is a dark-field con-
dition using the ð022Þ diffracted beam, showing that at
least one edge of the plateau is still continuous across the
indented region.

In the case of deeper indentations, significant metal-like
extrusions were also formed during indention. These large
extrusions are shown in Fig. 14(a), a post-indentation
TEM micrograph of a 220 nm deep indentation with the
corresponding diffraction pattern. This metal-like deforma-
tion can clearly be seen in Fig. 14(b), which is a plan view
micrograph of the indent shown in Fig. 14(a), taken with a
field emission scanning electron microscope. Previous
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studies [246–248], have also described metal-like extrusions
resulting from indentation into Si. However, in all previous
experimental cases these extrusions were attributed to the
flow of a transformed metallic phase (such as b-Sn or bcc
R8). As shown in Fig. 14(a), the diffraction pattern taken
after the indentation indicates that the extruded volume
is entirely single-crystal diamond cubic silicon in the same
orientation as the rest of the sample. Since dislocations
are more easily nucleated heterogeneously at a surface as
opposed to homogenously in the bulk, it seems that dislo-
cation plasticity can completely accommodate the defor-
mation imposed by the indenter in the in situ wedge
geometry (to the indentation depths observed here). Thus
the hydrostatic pressures required to trigger the phase
transformations are never achieved, and dislocation plas-
ticity is the only mode of deformation observed. This is
in contrast to the state of stress under conventional nano-
indentation or cutting, which ostensibly promotes such
transformation. Further comment on this, in the context
of ductile machining of semiconductors, is provided in
Section 7.

6.2. Case study: Al thin films

The interpretation of conventional nanoindentation
data is not always clear. For example, since most metals
form native oxides, yielding under the nanoindenter may
be governed by fracture of the oxide film rather than the
onset of plastic deformation in the material itself [107]. It
is difficult to resolve these mechanisms ex situ since the
mechanisms associated with yielding are only indirectly
elucidated from quantitative load vs. displacement behav-
ior. Thus, the most significant advantage from performing
in situ nanoindentation inside a transmission electron
microscope is the ability to record the deformation mecha-
nisms in real time, avoiding the possibility of artifacts from
post-indentation sample preparation. However, since the
Peierls barrier in Al is extremely low, and consequently
the dislocation velocity is very fast, the typical video sam-
pling rate of 30 frames/s is too slow to capture the move-
ment of the individual dislocations. Hence, each video
image captured during the in situ experiments performed
to date is essentially a quasi-static image of the equilibrium
configuration of defects. Fig. 15 illustrates this point by
showing a series of six images taken from a video during
an in situ nanoindentation experiment. In Fig. 15(a), the
diamond is approaching an Al grain that is approximately
400 nm in diameter. Fig. 15(b) and (c) shows images of the
evolution of the induced stress contours during the initial
stage of indentation, and corresponds to purely elastic
deformation in the absence of any pre-existing dislocations
that could cause plasticity. Fig. 15(d) shows the first indica-
tion of plastic deformation, in which dislocations are nucle-
ated. Fig. 15(c) and (d) shows consecutive frames of the
video, and are 1/30th s apart. As can be seen, the exact
location of the nucleation event is not discernible, since
the evolution of the dislocation configuration has already
proceeded beyond the point at which that might be possi-
ble. Fig. 15(e) and (f) shows the large increase in disloca-
tion density achieved as deformation proceeds, and
dislocations tangle and multiply.

In polycrystalline metals with relatively large grain sizes
(e.g. >1 lm), grain boundaries are thought to behave pri-
marily as barriers to dislocation motion. Consequently, a
typical method for increasing the hardness of a metal is to
change the composition or processing of the material in
order to decrease the average grain size, thus increasing
the total area of grain boundaries and increasing the barriers
to dislocation motion. This basic premise of microstructure–
property relations in metallurgy is known as Hall–Petch
behavior, since the first studies to relate grain size with the
strength of a material were performed by Hall [249] and
Petch [250] in the early 1950s.

There are other known mechanisms by which grain
boundaries can influence the mechanical behavior of a
polycrystalline metal. Li [251] described an alternate role
for grain boundaries in 1963, when he first proposed that
grain boundaries be thought of as sources for dislocations
rather than only as barriers to their motion. Indeed, recent
reports using computational studies of nanoindentation
have shown that relatively easier dislocation nucleation at
grain boundaries can serve to lower the load at which plas-
ticity is initiated [158].

As grain size decreases, the volume of the material asso-
ciated with grain boundaries increases dramatically. For a
given indenter size, the interaction of the grain boundaries
increases as the grain size decreases. Thus, it should not be
surprising that the deformation behavior associated with
increased grain boundary interaction might involve mech-
anistic changes. These mechanistic changes might include
grain boundary sliding [252,253], dislocation nucleation
from the grain boundary [158] or even grain boundary
movement. This final mechanism, grain boundary move-
ment, has been observed in further macroscopic experi-
ments, but is typically not mentioned as being relevant to
small-scale deformation. Winning et al. [254] described
the motion of Al tilt boundaries under imposed external
stresses, and suggested that the movement of the grain
boundaries was achieved through the movement of dislo-
cations that comprised the structure of the boundaries.
Merkle and Thompson [255] ascribed the motion of grain
boundaries in Au to a more localized phenomenon – the
rearrangement of groups of atoms near a grain boundary
leading to incorporation into a growing grain. Whether
the grain boundary motion is accomplished through coor-
dinated dislocation motion or atomic rearrangement, there
exists a driving force for a grain to grow or shrink under
an inhomogeneous external stress. The stresses imposed
by a nanoindenter are inhomogeneous [1], and can be
expected to provide a significant driving force for the
movement of grain boundaries. In fact, the movement of
grain boundaries during in situ nanoindentation was
observed to be considerable in Al grains under �400 nm
in width.
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Figs. 16 and 17 show a dramatic example of grain
boundary movement, where the size of the indentation con-
tact area is large compared to the size of the grain. Fig. 16
includes a series of four images extracted from the video-
tape record of an in situ nanoindentation of a small grain
approximately 150 nm in width that had formed at the cusp
of a grain boundary between three larger grains. In
Fig. 16(a), the indenter is approaching the small grain from
the upper left corner of the video frame. Starting at
Fig. 16(b) and ending at Fig. 16(d), the small grain can
be observed to shrink dramatically over a very short time
(0.2 s elapsed between these three frames). By comparing
the pictures taken before and after indentations (Fig. 17),
it can be seen that the two larger grains laterally surround-
ing the small grain in the cusp grew at the expense of the
shrinking grain. Fig. 17(a) and (c) shows bright-field
Fig. 15. Time series of an Al grain showing the evolution of plastic deformati
given in seconds in the upper right corner of each frame. Images (b) and (c
dislocations can be seen. (e) and (f) is characteristic of the resulting plastic defor
grain boundaries and the substrate–film interface.
images before and after the indentation, respectively, show-
ing the change in grain size of all of the grains. Fig. 17(b)
and (d) are dark field images of the small grain in the cusp
taken before and after the indentation, respectively, clearly
showing the shrinkage of the small grain after the indenta-
tion. It can be noted from the consistent contrast in the
small grain before and after indentation that the small
grain did not simply change its shape, and that the volume
of this grain was not conserved. If the volume of this grain
had been conserved, then the thickness of the grain in the
direction of the electron beam would have increased, result-
ing in a significant change in contrast as compared to the
surrounding grains, which was not observed.

The motion of grain boundaries can be effectively sup-
pressed by the addition of a solute to the Al films, and
in situ nanoindentation experiments reported previously
on during an in situ nanoindentation. The time elapsed from image (a) is
) correspond to elastic deformation only. In image (d) the nucleation of
mation during deeper penetration and the pile-up of the dislocations at the



Fig. 16. A series of images extracted from a videotape record showing the stress-induced grain growth during an in situ nanoindentation on submicron-
grained aluminum: (a) before indentation the indenter approaches from the upper-left corner, (b) the indenter makes contact with a small grain in the cusp
of three larger grains. (c) The small grain in the cusp starts to shrink and is left as a small film (d) between the neighboring grains.

Fig. 17. Still images from the indentation shown in Fig. 15. (a) Bright-field image before the indentation. (b) Dark-field image of the middle small grain
before the indentation. (c) Bright-field image after the indentation. (d) Dark-field image of the middle small grain after the indentation.
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showed that the addition of as little as 1.8 wt.% Mg to the
same Al films pinned the high-angle grain boundaries [256].
Nevertheless, the observation of dramatic grain boundary
movement in the pure Al films suggests that grain bound-
ary motion is a significant mechanism of deformation dur-
ing nanoindentation, and in fact might play a large role in
the softening of materials with sub-micron grain sizes. For
example, similar grain boundary motion was found in
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nanocrystalline Al films with a grain size on the order of
20 nm [233]. Since, given Le Chatelier’s principle, all spon-
taneous processes that happen under load contribute to the
relaxation of the load, it is very likely that coalescence
plays a significant role in the extraordinary mechanical
behavior of nanocrystalline materials.

6.3. Future directions

In prior work [232,257], attempts have been made to
correlate load–displacement behavior with real-time
images of the deformation response during in situ nanoin-
dentation in a transmission electron microscope. However,
these attempts have relied on ex post facto determination
of indenter displacement from sequential TEM images as
well as indirect correlations between voltages applied to
the piezoceramic actuator and measurements of known
bending moments. This approach suffers from substantial
uncertainties caused by nonlinearities in the piezoceramic
response, resulting in inexact data with low temporal and
load resolution. A recent collaboration between the
National Center for Electron Microscopy (NCEM) at the
Lawrence Berkeley National Laboratory and Hysitron,
Inc., has resulted in a new in situ TEM nanoindentation
holder design that includes a capacitive load sensor for
quantitative force and displacement measurement during
in situ indentations [258]. The quantitative holder has a
force resolution of �0.2 lN and a displacement resolution
of �0.5 nm. By correlating the force–displacement
response of the material with direct images of the micro-
structural response of a material in real time, it is possible
to study the initial stages of plasticity in metals [259,260],
semiconductors [261] and even individual nanoparticles
[262]. In conclusion, the experimental technique of in situ
nanoindentation in a transmission electron microscope
has been shown to provide a unique capability for investi-
gating the nanomechanical behavior of small solid vol-
umes. This capability is essential to fully understanding
the mechanisms associated with indentation phenomena
and the fundamental deformation behavior of materials.

7. Non-traditional uses for indentation

From the above sections, it can be summarized that
much effort has been expended to understand the nature
of hardness. From a continuum perspective, it comprises
the bulk elastic and plastic behavior of a metallic material,
or perhaps the combined response of layers and/or material
inclusions. On a much smaller scale, discrete dislocation
activity is the dominant physical phenomenon occurring
under nanoscale contact. However, although the funda-
mentals of inelastic deformation in metallic materials are
important, to say the least, the flexibility of indentation
as a material probe would be short-changed if discussions
were restricted to this. Thus, in this section we review
emerging uses for this tool in other materials systems, in
which elastic and inelastic deformation are not governed
by the same mechanisms as those in bulk metallic materi-
als, and for which traditional mechanical testing would
be extremely difficult. What does hardness mean in these
systems? By posing (and addressing) this question, impor-
tant nanostructural, microscopic and even physiological
issues may be explored. In other cases, researchers are
not concerned with hardness, but have capitalized upon
the ultra-precise control of force, displacement and probe
location offered by modern indentation systems. Specific
activities are reviewed briefly here, with an extended discus-
sion to include macro- and microindentation as well.

7.1. Mechanics of nanotubes

The nigh-incredible mechanical properties of carbon
nanotubes are now well known in the materials literature
(e.g. Refs. [263,264]). However, due to their size, shape
and growth method, systematic tensile testing of these
structures, or nanotubes in general, is rather difficult. A
number of researchers have addressed this problem using
a variety of methods [265–273]. For one approach, an
indenter tip is used, not to determine hardness per se, but
rather for its precise control of normal force and displace-
ment. In one set of experiments, nanotubes were grown
normal to a substrate, and bent as a cantilever (using an
AFM tip) to determine bending stiffness [266]. Similar
experiments have involved isolating single nanotubes and
positioning them over gaps on a nanoporous substrate,
allowing precise three-point bending tests [265]. While
these studies are innovative, they require isolation of nano-
tubes, whereas these materials are often grown in entangled
bunches [264] or vertically aligned ‘‘forests’’ (Fig. 18(a))
[269]. Accordingly, nanoindentation and related analyses
have been performed on these latter configurations [269],
and it is necessary to take into account the inherently
anisotropic nature of the specimens, and the dominant con-
tribution of tube bending to the indentation response
(Fig. 18(b)). Results correlated well with atomic simula-
tions [270] and other experimental approaches. Finally,
indentation experiments have been carried out to determine
the effective buckling load of these structures in pure com-
pression [271]. A reasonable and necessary future direction
for indentation-based work on nanotubes would be the
extension of indentation to study interaction forces
between tubes, which would be critical for ‘‘scaling up’’
from single tubes into ropes or cables [273,274].

7.2. Soft biomaterials

The mechanical behavior of soft tissues is quite different
from that of harder biomaterials (i.e. bone, cartilage, which
can be readily nanoindented – see e.g. Refs. [275–278]) as
one must often consider viscous effects, as well as large
deformations. In addition, a number of biological systems,
including eyes, brain, viscera and lungs, have geometries
that do not lend themselves to traditional mechanical test-
ing and also may not be machined or cut to produce



Fig. 18. (a) SEM photo of a nanotube ‘‘forest’’ on a substrate. (b) Free-body diagram used to analyze nanoindentation experiments on vertical arrays of
nanotubes [269].
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convenient samples. For these, indentation can serve as a
powerful probe of mechanics, function and disease. In
the field of respiratory physiology, indentation has been
used to determine the elastic modulus of lungs at different
pressures [279]. However, on a smaller scale, microindenta-
tion experiments have been performed on the pleural
surfaces of the lung and chest wall to simulate elastohydro-
dynamic deformation during breathing (Fig. 19(a)) [280].
Currently, hardness tests are performed on lungs, not to
extract any properties in the engineering sense, but as an
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Fig. 20. (Top) Schematic of rolling-indenting mechanism of abrasion
during wiresaw slicing [289]. Indentation experiments, performed in
conjunction with manufacturing experiments, may be a powerful tool for
controling the process. (Bottom) Results of mechanical lithography, in
which PMMA was nanoimprinted (with an AFM tip) in an array, and the
resulting deformed pattern was used for deposition of Au [305].
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of cirrhotic fibrosis in the liver and ‘‘hardness’’ measured
via a tactile sensor is being explored, to guide decision-
making before possible liver resection [284,285].

In addition, tactile interaction with our environment
depends on physical contact with outside objects, and
transduction of pressure to electrical nervous signals – in
short, a complex indentation problem. The science of
touch, or haptics, is critical for a number of engineering
and bioengineering fields, including virtual environments,
robotics, prosthetics and physical rehabilitation [286]. In
essence, the contact underneath a fingertip can be
addressed in the context of indentation, and similar
approaches can be used to analyze, for example, local pres-
sures, friction and deformation [287,288].

For the above investigations, robust knowledge and/or
appreciation of the fields underneath the indenter tip are
critical for success. Also, for these materials, the simplify-
ing assumptions often made in nascent indentation experi-
ments (e.g. linear elasticity) may not be appropriate. For
example, in the cases of lung indentation, the authors nec-
essarily solved the problem of punch indentation of an elas-
tic half-space, covered with a tensed membrane (Fig. 19(b)
and (c)) [279,280]. Such an approach will probably be
found necessary in future studies involving skin, which is
under tension. In haptics, a great deal of effort is being
expended to develop appropriate viscoelastic and large
deformation models of fingertips. It is likely that for signif-
icant progress in this direction, contact mechanics will
become a necessary component of the bioengineer’s
toolbox.

7.3. Nanomachining, manufacturing and combinatorial

studies

Many of the continuum-based studies of indentation are
carried out with the goal of gaining knowledge about
mechanical behavior under some other form of loading.
For more complex materials systems and at small size
scales, it becomes increasingly clear that mechanical
response is not only dependent upon magnitude of load,
but on how it is applied. Thus, it is encouraging to report
that there are a number of activities in the literature that
progress beyond fundamental mechanics of materials,
and pursue correlations between nanoindentation, and its
close relative nanotribology, in engineering systems. A
few examples are highlighted here. In the semiconductor
industry, wafer fabrication from ingot form is a multistep
process with extremely high tolerances. The shift to larger
wafers has necessitated the use of different cutting mecha-
nisms, e.g. wiresaw slicing (Fig. 20(a)) [289]. In addition,
lapping and polishing techniques must be carried out so
as to minimize of warpage. In all these procedures, the
wafer material is subjected to a lubricating flow of hard
particles in a suspending medium. This is analogous to
repeated loading under a small load/tip. Thus, in this case,
nanoindentation studies can provide a direct indicator of
material removal mechanisms, or a predictor of variations
in the machining process. Although Si is a well-character-
ized material, other semiconductors, such as lithium nio-
bate, have not been explored as systematically [119]. In
this particular material, the highly asymmetric crystal
group can lead to interesting tribological behavior, e.g. dif-
ferent rates of polishing on parallel faces. The reasons for
this, in the context of subsurface inelasticity and fracture
under nanoscale contact, are being studied [119]. Another
strong connection between contact mechanics and manu-
facturing is in the field of ductile machining of brittle mate-
rials such as Si, on the micro- or nanoscale [290–295]. One
of the cornerstones of this is the observation and explana-
tion of high-pressure, high-shear phase transformations
that occur under localized contact [240,296–300]. Such
transformations are ostensibly manifested (in Si) as ‘‘pop-
outs’’, that is to say, rapid changes in displacement upon
nanoindentation unloading [301,302].

In other semiconductor systems, the concept of nanoim-
print lithography was first introduced in 1994 as a means to
pattern a surface to submicron dimensions using non-
chemical methods [303]. The concept involves the pressing
of a rigid die pattern into a layer of photoresist, and then
removing the subsequently compressed areas via aniso-
tropic etching. Although proving quite successful, limiting
issues for this technique involve die preparation and lateral
precision [303,304]. As a variation on this, some research-
ers are employing nanoindentation to preferentially expose
sapphire, by probing a thin PMMA cover layer with a Ber-
kovich tip in an x–y array (Fig. 20(b)). The resulting pat-
terned structure is sputtered with Au, and the underlying
PMMA layer is rinsed away with a solvent, leaving an
array of Au nanodots on the surface. These dots serve as
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a catalyst for the preferential growth of ZnO nanowires
[305].

Finally, although one of the attractive features of instru-
mented nanoindentation is the potentially high throughput
of experiments (i.e. a large number of mechanical tests in a
short time), this has not been exploited until recently. In a
combinatorial materials study, Tweedie et al. indented a
triplicate array of over 540 polymer microdot samples,
from different combinations of constituent monomers, over
a 24 h period [306]. Significant differences in indentation
modulus between samples with minor changes in composi-
tion were interpreted as (unpredicted) phase changes, illus-
trating that mechanical probing can be a powerful
supplement in the synthesis of soft materials. A similar
approach for metallic alloys can be found in Ref. [307].

8. Concluding remarks

The experimental flexibility of indentation has provided
insights into the fundamental structure and deformation
processes of materials across a range of size scales and dis-
ciplines. Much of this has been due to (i) concentrated
studies of the concept of hardness, and what this value
truly represents, and (ii) greatly enhanced computational
power. However, it has also been shown that a number
of opportunities still exist for the implementation of this
technique in emerging systems, and creative modeling cou-
pled with investigations carried out in conjunction with
other functional considerations may provide great benefit
to the scientific, engineering and biomedical communities.
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